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 Single layer silicon and germanium films as well as nominally 50-50 silicon-

germanium alloys were deposited on single crystal silicon and germanium (001) and 

(111) substrates by ultrahigh vacuum chemical vapor deposition. These films spanned the 

range of + 4 % film-substrate lattice mismatch. A number of experimental 

characterization techniques, including reflection high energy electron diffraction, atomic 



force microscopy and transmission electron microscopy were employed to gauge both 

surface morphology and surface and interface structure. It was found that the 

minimization of surface energy controls the initial film coverage of the substrate. 

Subsequently, films deposited in tension (e. g. Si on Ge) reduce the misfit strain through 

the formation of misfit dislocations, while those in compression (e.g. Ge on Si) are 

unstable to the formation of surface undulations. Phenomenological models, developed to 

account for these findings can also provide insight into the design of potential self-

assembling quantum confinement structures. 
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CHAPTER 1 

INTRODUCTION 

 

 

1.1 Motivation 

 

 The growth of semiconductor heteroepitaxial layers is assuming ever greater 

importance due to the demands of modern electronic-device fabrication. Although low 

strain heterosystems such as AlGaAs/GaAs remain the basis of many device structures, 

there is an increasing trend to use more highly strained systems such as InGaAs/GaAs and 

SiGe/Si. The SiGe system is of particular interest due to its lower cost and inherent 

compatibility with Si lithographic technology. Due to the complete miscibility of Si and 

Ge [A1, A2], alloys of any desired composition can, in principle be synthesized, giving 

rise to a number of interesting high speed and optoelectronics applications [A3]. A 

silicon- germanium layer deposited on Si results in band offsets, as per Figure 1.1 [A3A]. 

Although both the conduction and valence bands are affected, the majority of the offset (~ 

80%) occurs in the valence band. This valence band offset scales, to a good 

approximation, with the germanium content, x, as Ev = 0.84 x [A3b]. In particular, 

materials with bandgaps in the 1.3-1.55 micrometer range, corresponding to Ge 

concentrations of 25% or more are of interest in optical communication and in infrared 

detection [A4]. SiGe heterostructures have been grown on silicon substrates by molecular 



beam evaporation of liquid Si and Ge in an ultrahigh vacuum environment (molecular 

beam epitaxy (MBE)) and by molecular beam epitaxy and ultrahigh vacuum chemical 

vapor deposition from silane (SiH4) and germane (GeH4) source gases. The latter 

process, abbreviated UHVCVD, was pioneered by Meyerson [A5] and has the advantage 

of lower temperature deposition (500-600oC versus ~700oC for MBE), which is 

important in minimizing diffusional smearing of interfaces and dopant (when 

incorporated) redistribution. Due to the relatively large (up to ~4%) lattice mismatch 

between Si and Ge, growth of individual SiGe layers of appreciable Ge concentration will 

nominally be limited to below the a critical thickness [A6,A7], beyond which interfacial 

misfit defects will be introduced. These defects degrade device performance by increasing 

dark currents and noise. Considerable attention has been placed on ascertaining the limits 

of “dislocation-free” alloy layer growth. Although kinetic barriers to dislocation 

formation allow growth beyond that predicted by, for example, the Mathews-Blakeslee 

[A7] criterion for critical film thickness (above which misfit dislocation formation is 

required), it has been found to be necessary to grow alloy layers of appreciable Ge content 

(above approximately 25 atomic percent) in the form of a multilayer stack. Such 

structures are comprised of alternating SiGe alloy and Si buffer layers. However, even 

employing such schemes, the fabrication of multilayer stacks of higher Ge content (above 

30-40 atomic percent) films involves a large number of layers, each of which can be 5 nm 

or less in thickness. These ultrathin, strained layers do actually increase the range of 

bandgaps attainable over that provided by germanium composition, alone (Figure 1.2 

[A7a]). Advantages are also gained for some optoelectronics applications as quantum 

confinement (of electron-hole pairs) effects improve photoemission behavior [A8-A10]. 



In addition, due to total internal reflection, propagation of optical signals along such 

structures can be enhanced, effectively increasing the optical absorption path. In infrared 

detector applications, however, such effects also increase the bandgap, rendering even 

higher Ge content layers (with the associated strain relaxation problems) necessary for the 

same wavelength range. 

 Aside from the well-established problems associated with misfit dislocation 

formation in SiGe alloy growth on Si, an additional phenomenon, three-dimensional 

island formation, has attracted interest in recent years. These structures form as a result of 

stress-enhanced diffusion [A11] of Ge in response to high strain (i.e. high Ge content) 

and/or high temperature depositions. The equilibrium surface morphology that develops 

is a minimum energy configuration, as the strain energy relieved by lattice relaxation is 

offset by the additional surface energy associated with the “wavy” interfaces. As such, it 

is analogous to the interface morphology developed under stress corrosion cracking, as 

described by Asaro and Tiller [A12]. It was initially thought that these asperities would 

act as sources for misfit dislocations [A13]. However, more recent studies [A14] have 

found that such structures can be largely dislocation-free, by providing an alternate 

pathway for strain energy reduction. It has also been observed that, under certain 

deposition conditions, layer-to-layer correlations (through the intervening Si buffer 

layers) of these island structures can develop [A15]. Since this morphology is detrimental 

to the fabrication of multilayer structures proposed in various device applications, it is of 

paramount importance that a firm understanding of conditions under which such 

morphologies evolve be understood. Such three dimensional arrays are also of interest in 

their own right, as three-dimensional quantum confinement structures, with enhanced 



(with respect to two-dimensional quantum wires) blue shifted luminescence observed 

[A10]. These quantum “dots”, comprised of clusters of a few thousand atoms, confine 

charge carriers in three dimensions. As a result of their confinement, the charge carriers 

occupy discrete energy levels similar to those of an electron in an atom. Energy 

“pumped” into such a system directly raises the charge carriers from one level to the next. 

Since there are no other degrees of freedom, none of this energy goes to random motion. 

Thus one expects any lasing from the dots to occur with high efficiency and at lower 

threshold currents than either quantum wells (one dimensional confinement) or quantum 

wires (two dimensional confinement). In addition, under specific conditions, electrons 

can tunnel from dot to dot, creating a binary bit. The configuration of the electrons thus 

establishes either a “1” or a “0”. Putting many of these cells together can enable a 

programmable network. Indeed, some have even referred to such “quantum boxes” as the 

“holy grail” of quantum electronics. The possibility exists of synthesizing arrays more 

uniform in size distribution than can be produced using contemporary photolithographic-

etching techniques [A16]. Recent detailed analysis of such structures by high resolution 

X-ray diffraction and diffraction contrast transmission electron microscopy, has suggested 

local lattice distortions in both alloy layers and the substrate itself [A14]. It is thus of 

considerable interest to extend studies of these compositions into the regimes of high 

compressive (i.e. high Ge content layers on Si) and tensile (through deposition onto single 

crystal Ge substrates) strains. This is the subject of this work. 

 

 

 



1.2 Objectives and Approach 

 

 To address the issues discussed above, a systematic SiGe growth/characterization 

program was undertaken. At a given deposition temperature, single layer films were 

synthesized at Si1-xGex compositions corresponding to lattice misfits of up to 4% ,with 

respect to the substrates. A UHVCVD reactor was designed and constructed [A17] 

expressly for this purpose. A variety of analytical tools were brought to bear on this issue. 

Reflection high energy electron diffraction (RHEED) is useful in monitoring the surface 

structure of epitaxial layers, determination of in-plane lattice constants and can indicate 

the onset of three dimensional growth. This technique has recently been applied to the 

determination of in-plane lattice parameters in Ge films deposited on Si substrates [A18]. 

A RHEED stage, (JEOL EM-AD high resolution diffraction stage), coupled to a JEOL 

100CX TEM was available for this work. Recent work has demonstrated the utility of ex-

situ RHEED in examining deposited thin films [A19]. Atomic force microscopy can 

reveal the size and shape of surface morphological features at a lateral resolution of ~1 

nm. Film surface morphology (including island size and periodicity) was monitored with 

a Digital Instruments Nanoscope III AFM, in the contact mode. Nayak et al. [A20] have 

recently combined these techniques to illustrate island formation and coalescence in CVD 

SiGe films grown at 630oC. The above techniques are non-destructive and involve 

essentially no sample preparation, which enables their use on a routine basis. For more 

detailed examination of interface structure, cross sectional transmission electron 

microscopy (TEM) was employed. The latter technique is particularly useful at atomic 

resolution, as it can enable local determinations of interplanar spacings on both sides of 



the film/substrate interface [A21]. An atomic resolution TEM (Topcon 002B) was 

utilized in addition to the conventional JEOL 100CX TEM mentioned above. 

 It was desired to discern the effects of both the magnitude and the sign of the 

strain on the development of three dimensional growth morphologies on both Si and Ge 

(100) and (111) substrates. The maximum compressive and tensile strain regimes (+ 

4.1%) were sampled by depositing pure Si and pure Ge on Ge and Si substrates, 

respectively. In addition, nominal Si0.5Ge0.5 alloy layers were grown on all substrates to 

gauge the tendency toward island formation. Based on experimental results, 

phenomenological models of strain relief and island formation in this system were put 

forth. 

 

1.3 Outline 

 

 Chapter 2 provides general background regarding silicon-germanium growth on 

single crystal silicon or germanium substrates. Chapter 3 treats specific experimental 

techniques employed in this work, including the deposition process itself, in detail. 

Chapter 4 presents the experimental results of this work. In Chapter 5, a more detailed 

discussion of the mechanics of thin film deformation is presented leading into the specific 

phenomenological models put forth to address the experimental results. Chapter 6 

summarizes this work and suggests an interesting extension that draws upon it.  
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Figure 1.1: a) Schematic of silicon-germanium thin film deposited on silicon, b) 

corresponding conduction and valence band offsets (adapted from [A3a]). 
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Figure 1.2: Plot of silicon-germanium bandgap shift with germanium content and strain 

(after [A3b]). 



 

 

 

CHAPTER 2 

BACKGROUND 

  

 2.1 Ge-Si Alloy Deposition on Single Crystal (Si, Ge) Substrates 

 

 The lattice parameter of germanium is 4.17% larger than that of silicon. To a good 

approximation, the lattice constants of unstrained GexSi1-x alloys are given by Vegard’s 

Law [B1] as: 

 

a = asi + (aGe - aSi) x [2.1] 

 

where a is the unstrained lattice constant of the grown layer and x is the Ge fraction. The 

lattice mismatch can be defined as a misfit parameter, , as: 

 

= (a-aSi)/aSi                          [2.2] 

 

or, correspondingly, for a germanium substrate. This lattice mismatch can be 

accommodated either by a biaxial compression (or expansion) in the deposited layer up to 

a critical thickness (for two dimensional growth), or by the introduction of misfit 

dislocations (Figure 2.1). These misfit dislocations differ from dislocations in the usual 



sense in that they decrease the total energy of the system, and, thus, are 

thermodynamically favored.  Both  = 60o and 90o dislocations ( is the angle between 

the dislocation line and the Burger’s vector, b) have been observed in the SiGe system 

[B2]. Although 90o dislocations reduce the strain more efficiently than 60o ones (nb 

versus nb/2 for an array of n dislocations), the latter are generally formed preferentially in 

all but the thinnest strained layers due to their lower energy of self-formation. A large 

body of both experimental and theoretical work has been devoted to this topic [B2, B3], 

and a number of design concepts have emerged to produce low dislocation density 

epitaxial layers, involving the use of compositional grading [B4, B5]. 

 

2.2 Surface Morphology Considerations 

 

 The preceding discussion describes two dimensional growth of an epitaxial layer 

on a substrate. In general, three known modes of heteroepitaxial growth can occur, Frank-

van der Merwe (layer by layer) [B6], Volmer-Weber (island) [B7] and Stranski-Krastanov 

(layer by layer plus islands) [B8]. Which growth mode will be adopted depends on the 

interfacial free energy and the lattice mismatch. One can write the total energy, Etot, of an 

epitaxial system as the sum of elastic strain, Estr, and surface energy, Esurf, terms: 

 

Etot = Estr + Esurf                        [2.3] 

 

Esurf can be further broken down into terms corresponding to a flat and an “islanded”: 

morphology, as: 



 

Esurf =  (As + Ai)        [2.4] 

 

where  is the surface energy of the epitaxial layer, As is the surface area of a flat layer of 

the material and Ai is additional surface area due to the formation of a three dimensional 

(“islanded”) morphology. Estr can be written as the sum of that stored in the continuum, 

Ec, [B9] and that stored within the islands, Ei. In principle, one should also incorporate 

the elastic energy stored in misfit dislocations, formed at the film/substrate interface, as 

well. However, recent observations [B10], have shown that such islands can often be 

nearly dislocation-free (i.e. their formation relieves the strain elastically), and comprised 

of low energy facet planes, thus reducing the surface energy, as well. The elastic strain 

energy of a continuous, isotropic strained layer is given by the following expression: 

 

Ec = 2G [(1 + )/(1 - )] 2 V          [2.5] 

 

where G is the shear modulus,  the Poisson ratio,  the lattice mismatch and V the 

total volume of the deposited layer. In the case of three dimensional island formation, the 

elastic strain is further reduced by local lattice distortions. An analogous form can be 

retained via the substitution of an “effective strain”, eff, in place of . The state of strain 

of a three dimensional deposited layer cannot be derived analytically and, consequently, 

must be approximated numerically or measured experimentally. The measurement of 

such strains is one of the topics of this work. 



 In practice, the surface energy of these islands is anisotropic, as they are 

comprised of particular facet planes: 

 

Esi = hkl Ahklhkl          [2.6] 

 

where Ahkl and hkl are the surface areas and free surface energy of an {hkl} facet. 

Experimental values of hkl are largely lacking for the SiGe system, however, broken 

bond calculations have been performed [B11]. In such models, hkl represents the energy 

necessary to break the n bonds of a unit cell of surface area ahkl, corresponding to a 

particular {hkl} facet plane. Thus, one can write: 

 

hkl = U n/ahkl      [2.7] 

 

where U, the energy of one broken bond, is given by the cohesive energy of an atom in 

the bulk divided by the coordination number of the atom. 

 Therefore three dimensional island formation will be promoted in the case where 

the total energy is reduced by forming islands (i.e. replacing a portion of the two 

dimensional surface offsets the strain energy). Examination of the surface energies of 

silicon (1.97, 1.1) and germanium (1.57, 0.98) eV/atom for the (100) and (111) surfaces, 

respectively [B12], would suggest that island formation is favored for deposition on (100) 

surfaces, while two dimensional growth would prevail on (111).  It should also be pointed 

out that the above analysis suggests that the sign of the strain is irrelevant. However, 

recent observations by Xie et al [B13] have found that Si0.5Ge0.5 films deposited on 



relaxed SiGe buffer layers roughen only for compressive strains larger than 1.4% and not 

for tensile strains up to 2%. They attributed this to a lowering of the step energy in the 

former case and a rising in the latter. It is thus of interest to explore regions of high Ge 

content on Si as well as varied Ge xSi 1-x compositions on Ge. 

 The above analysis suggests that island formation (Figure 2.2) is promoted if the 

total surface energy increase in creating them offsets the reduction in strain energy 

attained by deformation in the film and possibly the substrate as well.  Based on an 

analysis of a simple square wave surface developing from an initially planar one, 

Srolovitz [B14] has shown that the change in total energy, E, can be given by the 

following expression: 

 

E = - (2/2E) (c/2) + 2c      [2.8] 

 

where  is the bulk stress, c, the surface energy, E, the elastic modulus, c, the asperity 

height and , the asperity spacing. Here the stress within the protrusions is assumed to be 

zero. From this analysis, one observes that the roughened surface lowers the total energy 

of the system for asperity “wavelengths” of: 

 

 > 8E/2      [2.9] 

 

 For spacings smaller than this value, elastic strain is more favorably relieved via 

the formation of a misfit dislocation array within the film, including any asperities. 

Observations along these lines have been made by Eaglesham and Cerullo [B15]. In 



practice, a dynamic situation obtains wherein the two dimensional surface is replaced by 

islands, which allow the film to relax elastically. Since the addition of such islands (albeit 

composed of low energy facets) will result in increased surface area, a finite number will 

be energetically favorable. Thus the salient feature of a minimum asperity wavelength 

remains plausible. The above analysis also implicitly assumes that the substrate and film 

have the same elastic constants. In practice, a stiffer substrate will be more resistant to the 

formation of surface undulations (which can include a component of substrate 

deformation, as well, as per Figure 2). This has been dealt with analytically by Spencer et 

al. [B16]. So, multilayer structures, composed of elastically “softer”, albeit equally 

strained layers are even more prone to three dimensional growth than films deposited on 

rigid substrates. The resulting strain fields from these asperities can extend through 

overlying (planar) layers, as has been observed in both InAs/GaAs [B17, B18] and 

SiGe/Si [B19] systems. The study of morphological evolution in single layers on 

substrates then represents a lower bound for the manifestation of this phenomenon. 
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Figure 2.1: a) Strained, b) relaxing and c) fully relaxed SiGe Layer deposited on Si. Note: 

hc represents film thickness for onset of partial relaxation (adapted from [B1a]). 



 

 

 

 

 

 

 

Figure 2.2: Three dimensional island structure in SiGe Film deposited on Si (adapted 

from [B13a]). 

 

 



CHAPTER 3 

EXPERIMENTAL 

 

3.1 Chemical Vapor Deposition of SiGe Films 

 

 Traditionally, chemical vapor deposition of silicon is performed at high 

temperatures (~ 1100o C) at or slightly below atmospheric pressure. At these high 

temperatures, intermolecular collisions are prevalent and the gas phase reactions that 

occur result in the formation of numerous species (some reactive with silicon), not 

initially present in the incoming gas stream. The species must then diffuse to the wafer 

surface through a complicated hydrodynamic boundary layer and any products must be 

transported away. Alloy growths performed at much lower temperatures (600-800o C); 

enable thicker, low dislocation density, planar films to be grown, in addition to alleviating 

interdiffusion of interfaces and any dopants incorporated into the structure. In this case, 

the vibrational energy of the participating molecules is reduced and gas phase reactions 

are suppressed. Growth then proceeds by surface reaction of the species present in the 

incoming gas stream. At low pressures, no hydrodynamic boundary layer is present and 

the flux of species at partial pressure, pi (in Torr) is given by the following expression, 

which follows from gas kinetics: 

 

Zi = (Na/2MikT)1/2pi      [3.1] 

 



where Mi is the molar mass of species i, Na, Avogadro’s number, k, Boltzmann’s constant 

and T, the absolute temperature. The key point to mention is that the flux of reactants is 

determined directly by the partial pressures of the incoming source gases. 

 Potential source gases for reaction at these temperatures include silane (SiH4) and 

germane (GeH4) and the corresponding dimolecular forms. Among these, disilane and 

digermane can, by virtue of their larger number of atoms, give rise to a higher growth rate 

(for a given incoming gas flow), while silane and germane are available commercially in 

slightly purer form. Since germane is quite toxic, it is generally utilized in diluted form 

(e.g. 10% GeH4 in H2). The resulting growth rates are thus the result of a competition 

between adsorption and desorption of these two gases, along with hydrogen, which is 

introduced as a carrier gas, but is also a product of reactant decomposition. Silicon wafers 

exposed to ambient conditions are typically covered by a thin native oxide, which must be 

removed prior to deposition. This is commonly done via a hydrogen fluoride (HF) “dip” 

[C1] and/or a high temperature (800-900o C) thermal decomposition. The resulting 

“hydrogen-terminated” surface is highly inert to rapid oxidation and is ideal for growth.  

 The initial reaction of silane with a silicon surface is given by [C1a]: 

 

SiH4 + 2* => SiH* + SiH3
*      [3.2] 

 

where * represents an active surface site and x*, the species x bound to a surface site. The 

trihydride, SiH3
* rapidly decomposes to silicon monohydride and hydrogen. The former 

then further decomposes as [C2]: 

 



SiH* => Si* + 1/2 H2      [3.3] 

 

From here, two competing processes obtain. If the hydrogen surface coverage is small, the 

growth rate, R, becomes: 

 

R = (k1N) Zsil = ssil Zsil      [3.4] 

 

where N is the active site density, k1, the decomposition rate constant, ssil, the reactive 

sticking coefficient of silane and Zsil, its flux. If hydrogen covers the surface more 

extensively, the growth rate is limited by the availability of reactant sites, as: 

 

R = k2N      [3.5] 

 

k2 being the hydrogen desorption rate constant. Germane reacts chemically similar to 

silane [C3]. The combination gives rise to a more complicated system [C4]. Consider a 

growth system in which the fluxes of silane and germane are given by: 

 

Z SiH4 = A(M SiH4 T)-1/2 p SiH4       [3.6] 

and 

 

Z GeH4 = A(M GeH4 T)-1/2 p GeH4      [3.7] 

 



Now, each molecule of silane or germane that is adsorbed adds one atom to the crystal. 

The growth rate (in atoms/sec) can thus be written as: 

 

R = RSi  + RGe = NkSi Z SiH4 + NkGe Z GeH4  [3.8] 

 

where is the vacant site fraction. At relatively high temperatures,  ~ 1, and the growth 

rate becomes: 

 

R ~ N(kSi Z SiH4 + kGe Z GeH4)      [3.9] 

 

The germanium fraction, x, is then: 

 

x = RGe/(RGe + RSi) = [1 + ((M GeH4/ M SiH4)
1/2(sSiH4/ sGeH4) (p SiH4/p GeH4))]

-1      [3.10] 

 

where M is the molecular weight and s, the sticking coefficient. Qualitatively, it has been 

found that the germane sticking coefficient, sger ~ 3 ssil and increases relatively with 

decreasing growth temperature and that hydrogen adsorption increases, while both ssil and 

sger decrease with increasing germanium surface concentration [C5].  

 The resulting growth rate of alloy films for various SiH4/GeH4 reactant gas flow 

ratios must, in practice, be determined experimentally. 

 

 

 



 3.2 Reflection High Energy Electron Diffraction (RHEED) 

 

 Consider a well collimated, monoenergetic electron beam, with momentum, ko, 

impinging on the surface of a thin film sample at grazing incidence (Figure 3.1).  These 

electrons interact with the sample surface and are scattered. Since the angle of incidence 

is small, the momentum component parallel to the sample surface, ko (= ko sin  ) is 

negligible and the scattering process can be considered elastic. Now, we define the real 

and reciprocal space lattice vectors, r and r*, as follows: 

 

r = i ui ai i      [3.11] 

 

r* = i hi ai
*i*      [3.12] 

 

where u and h are integers and ai and ai
* are the real and reciprocal space lattice vector 

components in the i and i* directions, respectively. For constructive interference 

(diffraction) to occur, these vectors must satisfy the von Laue condition: 

 

r .r* = 2n      [3.13] 

 

n, being an integer. 

 Now, if d (= da3) represents the distance between two planes in real space along 

the film growth direction, the diffraction condition becomes: 



 

d . r* = d . (ko - ks) = 2n      [3.14] 

 

where ks is the scattered wavevector (in the plane) of the sample. (Figure 3.2). We have 

implicitly made use of the Ewald sphere construction in defining (ko - ks) equal to a 

reciprocal lattice vector. Since the scattering is elastic, ko and ks have the same magnitude 

and differ only in direction. Therefore, if we define 2 as the angle between them, it 

follows that (Figure 3.2): 

 

(ko-ks)/2 = ko/sin      [3.15] 

 

Solving for (ko - ks) and substituting into the von Laue condition above, we obtain, 

written in terms of the electron wavelength, (=2/ko): 

 

n = 2d sin       [3.16] 

 

the familiar Bragg relation. 

 In the ideal case of a semi-infinite, perfectly oriented sample, impinged on by a 

perfectly monoenergetic electron beam, infinitesimally fine spots should obtain at the 

diffraction maxima. In practice, due to chromatic aberration of the electron beam, and 

since electron penetration at grazing incidence is ~ 10 nm or less, the spots are spread out 

into streaks (the result of the Fourier shape transform of the thin diffracting “plate” into 



long reciprocal lattice “rods”). Three dimensional growth, however, breaks up this thin, 

continuous diffracting layer into discrete sections, and the streaks become shortened into 

broad spots. The sharpness of the streaks in a RHEED pattern, then, provide feedback as 

to the surface quality of deposited layers. In addition, the in-plane lattice parameters can 

be accurately gauged, as well. Now, by definition (Figure 3.2): 

 

tan  = d/Ld+
*/(ko

2 - d+
2)1/2      [3.17] 

 

d+ is the reciprocal lattice vector corresponding to the real space interplanar spacing, d, 

and L is the distance from the sample to recording medium, the so called “camera 

length”. Since d+
* << ko, we obtain: 

 

d+
* = (ko/L)d      [3.18] 

 

Rearranging and expressing in terms of the electron wavelength, we have: 

 

d = (L/2) d+
*      [3.19] 

 

d is what is actually measured in real space on the recording medium. Therefore, with 

reference to a given standard, the in-plane interplanar spacing (and hence lattice constant) 

can be determined from d\\  = L/d. 

 Two additional points merit mentioning. Firstly, spacings along the beam 

direction can, in practice, vary appreciably with angle of incidence, and therefore should 



not be utilized for measurement of in-plane parameters. Secondly, if the surface becomes 

rough (as per three dimensional growth), additional transmission spots, corresponding to 

diffraction from planes parallel to the surface can superpose on the in-plane RHEED 

pattern, described above. 

 

 3.3 High Resolution Transmission Electron Microscopy-Wave Optical Description 

  

 Before delving into a formal mathematical description of phase contrast imaging, 

a brief summary of conventional transmission electron microscopy is in order. In 

transmission electron microscopy (TEM), a beam of electrons (from a thermionic or field 

emission source) propagates through (and is diffracted by atomic planes nearly parallel to 

the beam direction) a thin (generally 100 nm or less) sample. A diffraction pattern is 

formed on the back focal plane of the objective (focusing) lens (see Figure 3.3). A bright 

(dark) field image can then be formed by selecting the transmitted, or undiffracted (a 

particular diffracted) beam and suitable manipulation of lens currents. The image contrast 

is then related to the difference in amplitude between transmitted and diffracted beams. In 

high resolution TEM, multiple beams (including the transmitted beam) are utilized to 

form an image whose contrast is dependent on the phase difference between them. Since 

each diffracted beam corresponds to a particular set of atomic planes, the resulting image 

can replicate atomic periodicities of the material. 

 Consider the electron beam to be a traveling wave of the form: 

 

o exp (2i k . z)      [3.20] 



 

where, k is the wavevector (= 2 /and z is the vector along the wave propagation 

direction. After passing through the specimen, this is modified, due to absorption, giving 

a wavefunction of the form: 

 

s = so exp (2i k . z)      [3.21] 

 

Now, as the electrons interact with the specimen, they are scattered (primarily) by the 

nuclei comprising the material. Thus one can approximate the specimen as a periodic 

potential (approximately 1 V between atoms and 100 V on the atoms). As a result, an 

additional phase shift of the form: 

 

g = -2 q . r      [3.22] 

arises, where q is the reciprocal lattice vector and r is the vector (at any point) from the 

specimen to the optic axis. The resulting amplitude in diffraction space (in the back focal 

plane of the objective lens) can be written as: 

 

f(q) = ∫ s(r) exp (ig) ds      [3.23] 

 

where the integration takes place along the beam propagation direction. But one 

recognizes this form as that of a Fourier transform, F (x) = 2∫ g() exp (ix) d, the 



integral extending to infinity. In the present case, the integral extends through the 

specimen thickness. Consequently, one can express f(q) as: 

 

f(q) ~ F (s(r)).      [3.24] 

 

Therefore the Fourier transform of a diffracted wave is the equivalent of getting a 

diffraction pattern. 

 We now desire to recombine the information contained in the diffracted beams 

(Fourier spatial frequencies of the specimen) to form an image of the atomic structure. 

So, we sum up over all qi, as: 

 

m(r') = (1/M) ∫∫ f(q) exp(2i q.r) d2r      [3.25] 

 

where M is the magnification of the image. We have replaced r with r' as the function 

argument since we are now dealing with distances on the actual microscope negative (or 

image plate). Writing in terms of Fourier transforms: 

 

mr') ~ F -1(f(q))      [3.26] 

 

where the expression  F -1() = ∫ g(x) exp(-ix) dx for the inverse Fourier transform has 

been employed. The image intensity is just the square of the amplitude: 

 



I(r') = (m(r'))2      [3.27] 

 

The image contrast is defined with respect to the background intensity as: 

 

q(r') = 1 - I(r')/Io      [3.28] 

 

Io being the background intensity. 

 If the objective lens recombined all spatial frequencies, one would get a perfect 

image of the specimen, but, in practice there are lens aberrations. In the objective lens, the 

diffracted beams (electrons) undergo a phase shift relative to the undiffracted 

(transmitted) beam. This phase shift is a function of distance from the optic axis, q, as 

above (the further off the optic axis, the larger the phase shift). The amount of phase 

change, the phase distortion function, (u,v) is determined by the spherical aberration and 

astigmatism coefficients of the objective lens, Cs and Ca and the amount that the 

objective lens is out of focus, f, i.e. 

 

 (u,v) = (2/) [(Cs/4) 4q4 + (f/2) 2q2 - (Ca/2) 2q2]      [3.29] 

 

Where (u,v) is the position in reciprocal space. Assuming that the astigmatism can be 

properly corrected (Ca≈ 0), the phase distortion function is the sum of the first two terms. 

This additional phase change can be accounted for by multiplying the proceeding 

wavefunction, s by an additional phase factor of the form, exp (i (u,v)).  Subsequently 



this modified wave function (representing that actually transferred by the objective lens) 

can be converted to image intensity in the same manner as above. The key point here is 

that we can vary the amount of phase shift (and thus the image contrast) by changing the 

defocus of the objective lens. Thus, unlike the case in optical microscopy or conventional 

TEM, an image is rarely recorded at focus, as there is no contrast at this point. 

 Now, one can apply one further Fourier transform by means of optical diffraction, 

whereupon a laser beam is shown on the microscope negative  [C6] of a suitably recorded 

atomic resolution image, or via  the application of mathematical algorithms [C7] to a 

digitized image, and obtain highly local interplanar spacings, again with reference to a 

suitable standard [C8]. Note that for the above analysis to hold, the so-called “weak 

phase” approximation, in which multiple electron scattering does not occur, must apply. 

In practice, this limits the sample thickness for most materials to 10 nm. or less. 

 

 3.4 Atomic Force Microscopy 

 

 The atomic force microscope (AFM) probes the surface of a sample with a sharp 

tip (generally etched Si or Si3N4), a few microns long and less than 10 nm in diameter. 

The tip is located at the free end of a cantilever, 100-200 m long. Forces between the tip 

and sample surface cause the cantilever to deflect. A detector measures the cantilever 

deflection as the sample is scanned (driven by piezoelectric transducers) under the tip (or 

vice versa). A common detection scheme employs a split photodiode array that monitors 

the sum and difference signals of a laser beam reflected off the back of the cantilever. 

Such detectors can be sensitive enough to identify deflections corresponding to 



nanometer variations in sample height. These cantilever deflections are then mapped as 

sample topography, utilizing appropriate display software. 

 The primary force contributing to cantilever deflection are van der Waals forces, 

similar in form to the Lennard-Jones intermolecular potential: 

 

U(r) = /r12 - /r6      [3.30] 

 

where r is the intermolecular distance and  and  are constants. Such forces can be 

depicted graphically as in Figure 3.4. In the contact region, the cantilever is held within 

angstroms of the sample surface and the intermolecular force between them is repulsive. 

Outside this range (1-10 nm separation distance), the force becomes attractive. 

In addition to van der Waals forces, a capillary attractive force, due to a thin water layer 

on the sample (in air) surface, ~ 10-8 N, is often present. Since the tip to sample distance 

is fixed (in the strong repulsive region of Figure 3.4), this capillary force is generally 

constant. The cantilever itself also exerts a force on the sample surface, the magnitude 

and direction (attractive or repulsive) of which are dependent on its deflection (which in 

turn, is related to its spring constant). 

 As a result of these additional forces, the total force exerted on the sample is 

typically in the 10-6 to 10-7 N range. One can also infer that operation in the strictly 

contact regime provides the highest vertical resolution, since the cantilever is deflected 

more easily here. This is the preferred operating regime for topographic imaging for all 

but the softest samples, which can actually be deformed appreciably by the cantilever, and 

is the mode of operation employed in this work. 
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Figure 3.1: Basic Geometry of RHEED (adapted from [C5a]). 
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Figure 3.2: Reciprocal Space Construction for RHEED (adapted from [C5b]). 
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Figure 3.3: Schematic representation of high resolution imaging (after [C5c]). 
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Figure 3.4: Curve of intermolecular force versus AFM tip-to-sample separation (after 

[C8a]). 

 



 

 

 

 

CHAPTER 4 

RESULTS 

 

 

4.1 Film Growths 

 

 Pure Si and Ge growths were made on Si (Virginia Semiconductor) and Ge (Eagle 

Pitcher) (100) and (111) wafers at 600
o
C, using SiH4 and 10% GeH4 in H2 (Voltaix) 

source gases, in a UHVCVD hot wall reactor (Figure 4.0). The chamber base pressure 

was ~ 5 x 10-9 Torr and, during deposition, ~ 10-3 Torr. Total flow rates were adjusted to 

6 sccm (+10%), taking into account the appropriate mass flow controller correction 

factors. For alloy synthesis, flow rate ratios were set to give a composition of Si 0.5 Ge 0.5 

(1.6 sccm SiH4, 4.4 sccm GeH4), according to a relation proposed by Greve [D1]: 

 

x= 1/[(1 + 1.545) (sSiH4/sGeH4)(pSiH4/pGeH4)]
-1      [4.1] 

 

where 1.545 = (MGeH4/MSiH4)
1/2, with M, the molecular weight, p, the partial pressure and 

s, the sticking coefficient of the relevant species. The total deposition time was 1.5 hours 

in all cases. Growth rates vary with Ge content, as has been published extensively [D2]. 

The growth rate of Si for the Air Force Research Laboratory UHVCVD reactor was 



determined to be 160 nm/hr, based on Auger depth profiling1 of a number of pure Si 

growths on Ge (001) substrates for varying times. Substrates were preoxidized by 

exposure to UV-ozone for 15 minutes, followed by a 10% HF dip for 15 sec. This 

preparation protocol has been found to give rise to as smooth a starting surface as more 

complex wet chemical methods (“RCA” cleans and “piranha” etches), in less time and 

without extensive chemical cleanup. Recent STM studies have found less particulate 

residue on Si (001) wafers prepared by such a process [D3]. Germanium wafers were 

subsequently rinsed in deionized water to remove residual HF solution, as it wets that 

surface. Wafers were then transported to the reactor in a dust-free transfer container, and 

loaded into a quartz boat, which was stored in the reactor prepump chamber. The 

specimen chamber was evacuated, using first an oil-free mechanical pump, then 

cryosorption pumps and finally turbopumped (to a final pressure of ~ 10-5 Torr). The 

entire prepump process took no longer than 10-15 min. The wafer tray was then inserted 

into the reactor vessel (maintained at 600oC) under H2 flow. Source gases were 

subsequently admitted and H2 flow terminated. In this way, wafer surfaces were assured 

of being hydrogen-terminated (and oxide-free) up to the time of film deposition. 

 

4.2 Surface Structure/Morphology 

 

 A RHEED stage, (JEOL EM-AD high resolution diffraction stage), coupled to a 

JEOL 100CX TEM was utilized to obtain ex-situ RHEED patterns of deposited thin 

films. 60kV was chosen as the optimal accelerating voltage to use in this work as it 

                                                 
1 Courtesy G. Ramseyer, Air Force Research Laboratory, Rome, NY 



provided transmission through any oxide that might reside on the surface, yet afforded 

examination of the near-surface (< 10 nm penetration depth) region of the films. Film 

surface morphology (including island size and periodicity) were monitored with a Digital 

Instruments Nanoscope III AFM, in the contact mode. The mean roughness, Ra, defined 

as the mean value of the surface relative to the center plane was computed [D4] on 10m 

square areas, selected as free from obvious surface artifacts. 

 

 4.2.1 (001) Substrates 

 

 Figures 4.1a and 4.1b depict RHEED patterns taken from Si/Si(001) and 

Ge/Ge(001) film-substrate combinations along both <001> and <110> azimuths (left and 

right columns, respectively). Comparison of the two reveals that both films are 

“smoother” (pattern maxima are elongated into streaks) along <110>. Consideration of 

the (001) surface of a diamond cubic structure (Figure 4.2) reveals a “symmetric” atomic 

plane periodicity of a/4 along <110>, while along <100> it isa and asymmetric (a 

is the lattice constant). The Si/Si(001) film is also less rough than Ge/Ge(001). These 

observations are further corroborated by AFM morphology scans, taken on the same films 

(Figures 4.3a and 4.3b). In this case, the Si/Si(001) film (Figure 4.3a) is featureless at the 

100 nm vertical scale of the image, while the Ge/Ge(001) film (Figure 4.3b) displays 

distinct faceted islands, many up to a substantial fraction of a micron in dimension. This 

latter observation is surprising in light of the zero strain condition, since islanded growth 

is generally considered a strain relieving mechanism. However, comparison of the surface 

free energies of (001) and (111) Ge [D5] would suggest that the deposit seeks to 



minimize the total surface energy through formation of {111} facets. From Table I, one 

observes the surface roughness amplitude for Si/Si(001) to be 0.07 nm (as compared to 

0.2-0.4 nm for the starting wafer alone), while, for Ge/Ge(001), it is 3.9 nm. 

 Figures 4.4a and b represent RHEED patterns from the Ge/Si(001) and the 

Si/Ge(001) cases, respectively. The Si/Ge(001) film gives rise to a pattern with elongated 

spots (again, particularly along <110>), while the maxima in the Ge/Si(001) pattern are 

more discrete. AFM scans (Figures 4.5a and 4.5b) reveal large islands (up to 0.5 

micrometers on a side) for Ge/Si(001), while Si/Ge(001) is considerably smoother. The 

latter film is substantially rougher than Si/Si(001), however. This roughness can be 

related to the presence of 60o misfit dislocations at the Si/Ge interface [D6] (see section 

4.3.1.2). The observation of Ge island formation on Si (001) is in agreement with the 

literature citing Stranski-Krastenov growth in this system [D7-D12]. Si growth on Ge 

(001), however, has been reported as Volmer-Webber type [D9], in contrast with results 

reported herein. From Table I, surface roughness amplitudes are 2.8 nm for Ge/Si(001) 

and 1.5 nm for Si/Ge(001). The observation of such a marked difference in surface 

morphology in films strained to the same extent in magnitude but opposite in sign is 

significant and suggests that the relaxation mechanisms in the two cases differ. 

 Figures 4.6a and 4.6b show that RHEED patterns from alloy films deposited on 

Si(001) and Ge(001) are very similar, both displaying elongated spots along <001> and 

<110> azimuths. AFM scans (Figures 4.7a and 4.7b) reveal islanded morphologies for 

both cases (islands ~ 0.25-0.3 micrometers in dimension). Islanding was found in xGe ~ 

0.3 SiGe films deposited on Si (001) at 600o C by MBE (Murri et al. [D13]) and 

UHVCVD (Lutz et al. [D14]). Surface roughness amplitudes (Table I) were determined to 



be 5.2 and 5.1 nm for alloy films deposited on Si(001) and Ge(001), respectively. Thus, 

in this case, similar morphologies evolve for (ostensibly) equal but opposite strains (but 

see below). 

 

 4.2.2 (111) Substrates 

 

 For films deposited on (001), RHEED and AFM results generally correlate 

strongly with one another. Thus, films displaying a streaked RHEED pattern also show 

lower roughness amplitude values in AFM scans. As described below, however, samples 

deposited on (111) substrates do not necessarily conform to this trend. This is the result of 

the generally greater film coverage exhibited on (111)-i.e. films tend to grow as more of a 

planar layer, initially. 

 Figures 4.8a and 4.8b show RHEED patterns taken from Si/Si(111) and 

Ge/Ge(111) systems, now viewed along <110> and <112> azimuths (left and right 

columns, hereafter). Amongst these cases, the Ge/Ge(111) system displays the more 

streaked RHEED maxima. AFM scans reveal the Si/Si(111) film (Figure 4.9a) to feature 

general surface roughness (Ra = 0.9 nm) and Ge/Ge(111) to be a surface characterized by 

large scale mesa coverage (Figure 4.9b). The Ra in this case (~ 1.4 nm) was larger than 

that for Si/Si(111), even though the RHEED patterns suggest a smoother surface. This 

apparently contradictory result can be reconciled by remembering that the RHEED beam 

is sampling the smooth mesa surface, while the AFM probe includes also the terraces 

alongside the mesas and regions between the mesas. The contrast of Figure 4.9b 

(Ge/Ge(111)) with Figure 4.3b (Ge/Ge(001)) is clear. In the former situation, the lower 



surface energy of Ge (111) promotes rapid coverage of the substrate by this surface in the 

growing film, while in the latter, the Ge (001) surface energy is minimized by the growth 

of faceted islands. In both cases, (111) surface area is maximized at the expense of (001) 

area as the island facets approach (111). That the <110> azimuth always appears 

“smoother” than <112> can be deduced from examination of Figure 4.10, which shows 

the (111) diamond cubic surface. One will notice that there is an effective “surface 

channel” along <110> (small black circles in Figure 4.10 lie below the surface). 

Therefore the effective periodicities sampled by RHEED are a and a along 

<110> and <112>, respectively. 

 Comparison of Figures 4.11a (Ge/Si (111)) and Figure 4.11b (Si/Ge(111)) reveals 

the former to be a smoother surface (pattern more streaked). However, Ra values derived 

from AFM scans were found to be 3.3 and 1.6 nm, respectively. Figure 4.12a shows the 

surface of Ge/Si(111) to consist of large scale (1-3 micrometer) plateaus, while the 

Si/Ge(111) film (Figure 4.12b) displays general surface roughness, similar to both the 

Si/Si(111) (Figure 4.9a) and Si/Ge(001) (Figure 4.4b) cases. The larger and lower aspect 

ratios of islands on Si(111) as compared to those on Si(001) is in agreement with results 

reported by Deelman et al. for MBE grown Ge layers [D8]. It is interesting to note that Ra 

values for all three of these cases fall in the range of 1-1.5 nm, which appears to be 

typical of surfaces devoid of large scale island or faceted regions. The RHEED/AFM 

correlations for the maximum strain case are in line with the results found for the zero 

strain samples on (111), and further attest to the role of surface energetics, rather than 

strain, in the determination of film morphology. 



 Figures 4.13a (alloy film on Si (111) substrate) and Figure 4.13b (alloy on 

Ge(111)) are virtually indistinguishable (both comprised of spotted maxima), as was the 

case for alloys on (001) (Figures 4.6a and 4.6b). Surface morphology scans are also very 

similar, and delineate 0.25-0.5 micrometer faceted mesas (Figures 4.14a and 4.14b). The 

alloy on Si(111) has covered the surface somewhat more completely (Figure 4.14a), 

which is reflected in the larger computed Ra value (5.3 nm vs. 4.5 nm for the sample on 

Ge(111)). This is consistent with results presented above. 

 Table I summarizes the experimentally determined AFM roughness amplitude 

values. 

 

 4.2.3 Surface Interplanar Spacings 

 

 It is also of interest to examine whether surface lattice parameters, revealed by 

RHEED, change with strain and/or substrate surface energy. In Table II, experimentally 

measured lattice parameters are compared to bulk Si and/or bulk Ge (as appropriate), in 

terms of mismatch. Mismatch values were computed from experimental measurements of 

RHEED patterns, utilizing Si/Si(111) as a reference. Values for the zero strain cases, 

Ge/Ge(001) and Ge/Ge(111) are also included to gauge experimental measurement errors. 

As shown, both of these values lie within 1% of bulk Ge, which can be established as the 

experimental measurement error. Examination of the maximum strain cases reveals that 

films tend to adopt their equilibrium spacings (within the measurement error of ~1%), 

irrespective of substrate or substrate orientation. Therefore, the films are completely 

relaxed. It should be noted that, since the RHEED signal originates from the upper 10 nm 



at 60kV excitation [D15], these values represent interplanar spacings near the surface. 

Mismatch near the interface can vary from these values (see Section 4.3.3, below). 

Among the alloy films, three out of four (Ge(001), Si(111) and Ge(111) substrates) 

display a closer match to bulk Ge and only the alloy deposited on Si(001) preferentially 

matches with Si. Ge segregation to the surface has been reported to occur in epitaxial 

layers of GexSi1-x grown on Si [D16, D17], especially on Si(111) [D18]. In these cases, 

the segregation is thought to be driven by the misfit strain [D19]. A higher germanium 

concentration in these alloy films near the surface would account for the close match with 

bulk Ge. As will be seen in later sections, however, there is additional evidence for a Ge-

rich composition throughout the alloy. Further details of these alloy cases are discussed 

below. 

 

4.3 Interface Structure/Morphology 

 

 Film/substrate interfaces were examined via cross sectional TEM imaging, using 

a JEOL 100CX transmission electron microscope, operating at 100kV. Details of the 

film/substrate interface at the atomic level were pursued via atomic resolution TEM cross 

sectional imaging (at 200kV), at the MIT Lincoln Laboratory, using a Topcon 002B 

HREM. All interfaces of films deposited on (001) substrates were examined at high 

resolution, in addition to the alloys deposited on (111). In all cases, films were viewed 

down a <110> direction. 

 

 



 

 

 

 4.3.1 (001) Substrates 

 

  4.3.1.1 Zero Strain Cases 

 

 Figure 4.15a depicts the Si/Si(001) film/substrate interface. The film surface is 

quite flat and the primary features of the micrograph are the extinction contours that 

result from the slightly wedged profile, induced by specimen thinning of the sample 

(some small cavities have been milled out at the surface, as well).  Figure 4.15b presents 

quite a different scenario. Ge/Ge (001) is typified by nearly defect-free faceted islands, 

125 nm high and 600-1000 nm wide. The facet edges make an angle of ~ 30o with the (001) 

substrate, which does not correspond to any low index plane. It is thought that these 

island sidewalls represent intermediate orientations in the gradual elimination of {100} 

surface area in favor of {111} in the growing facets. Since no distinguishable interface 

between the substrate and the deposit can be detected, one cannot entirely rule out the 

possibility of the growth of a planar layer initially, followed by islanding (Stranski-

Kranstanov mode).  However, since there is no mismatch between the film and the 

substrate, growth is most likely driven by surface energy minimization alone (Volmer-

Webber type). 

 At atomic resolution, the Si/Si001 interface (Figure 4.16a) could not be 

distinguished. This indicates that an oxide-free surface was present immediately 



preceding and during deposition. The ~2nm amorphous oxide layer that is seen on the 

surface formed subsequent to deposition. The Ge/Ge(001) interface (Figure 4.16b) 

exhibits nearly perfect matching, as well, with only a few localized regions of atomic 

plane deflection across the interface observed. The actual boundary can be seen as a 1-2 

monolayer region in bright contrast, possibly a very thin oxide layer. It is known that Ge 

oxidizes more readily than Si [D20, D21] and that hydrogen preferentially desorbs from 

Ge(001) [D18, D19, D22], thus facilitating oxide growth on this surface. 

 

 4.3.1.2 Maximum Strain Cases 

 

 In Ge on (001) Si (Figure 4.17a), considerable islanding is observed (200 nm 

vertical height, 600-800 nm lateral spacing). Unlike the results of Mo et al. [D23], 

however, islands do not appear triangular in cross section, but instead display a 

sinusoidal-like profile. Although a definite interfacial oxide layer is distinguishable, no 

well-defined strain contrast across the boundary is noted. In addition, the density of faults 

within the islands is markedly reduced in comparison to that seen in the Si/Ge (001) film 

(Figure 4.17b). In this latter case, considerable strain contrast can be ascertained along the 

interface in the 230 nm thick sample. In addition, in certain regions, stacking faults, lying 

on (111) can be seen extending from the interface to the surface. Other regions do not 

display such defects. 

  At high resolution, the Ge/Si(001) interface (Figure 4.18a) exhibits considerable 

strain contrast and localized bending of the (111) atomic planes across the interface. In 

addition, occasional interfacial dislocations (see arrow in Figure 4.18a) can be observed. 



There are two possible configurations of these misfit dislocations capable of relieving the 

tetragonal mismatch in this structure, b = 1/2<110>{111
_
 } 60o mixed dislocations and b = 

1/2<110>{001} edge dislocations. To distinguish one from another, we compare Figure 

4.18a with schematic drawings of these two dislocation structures (Figures 4.19 a and 

4.19b) [D24].  These represent projections along <110>, as do our HREM images. If one 

constructs a “Burgers circuit” around the dislocation denoted in Figure 4.18a, it is found 

that the Burgers vector makes an angle of ~ 45o with (001), as per Figure 4.19a. We are 

thus led to the conclusion that it is the perfect 60o dislocations that are being observed. 

This is in agreement with the discussion presented in the Background section of this 

thesis. Beyond the interface proper, however, the grown film appears largely defect-free. 

Recall from Figure 4.17a that this layer eventually grows with an islanded morphology. 

Thus these observations are in general agreement with the observations of a number of 

investigators of defect-free island growth. Eaglesham [D25], for example, has inferred 

substrate deformation from TEM bend contour patterns and proposed that this accounts 

for this phenomenon. Ratsch and Zangwill [D26] have shown a stability region for 

coherent island growth on (001) by calculating the minimum energy of chains of atoms in 

the diamond cubic structure. Figure 4.18b (Si/Ge(001)) exhibits several interesting 

details. A notable one is the initial 4-5 nm thick region immediately adjacent to the 

substrate, within which it is difficult to follow the continuity of atomic planes. Kawabata 

et al. [D17] has reported amorphous Si film growth up to 2-3 nm on Ge (001), but at 

much lower temperatures (300o C). It is possible that the initial portion of this layer is 

germanium oxide, as per the Ge/Ge(001) sample above (Figure 4.16b), but it is unlikely 



that the oxide would comprise the full thickness. Instead, it is felt that most of the 

disregistry is caused by the presence of a high density of defects in this region. 

Subsequent growth proceeds as a single orientation layer containing occasional planar 

defects, lying on (111). These are best described as stacking faults that propagate in <110. 

directions. The particular structure of these stacking faults is described in detail by 

Hornstra [D27] and will be discussed in more detail later. The high defect density in 

Si/Ge(001) may explain its growth as a planar layer rather than in the Volmer-Webber 

mode, predicted by surface energetics alone. That such defects form on Ge (001) and not 

Si (001) substrates, suggests that a disruption in the growth sequence peculiar to the Ge 

substrate is involved. It is known that hydrogen preferentially desorbs from Ge (001) 

[D18, D19, D22] and thus may lead to more rapid initial growth of the Si layer, creating 

the possibility of defect formation. These defects would then propagate through the 

subsequent growth layers. 

 

 4.3.1.3 Alloys 

 

 Figures 4.20a and 4.20b depict cross sectional views of the alloy deposited on Si 

(001) and Ge (001), respectively. Although both films display an islanded morphology, 

the surface undulation amplitude in the former case extends all the way to the substrate 

(i.e. small regions of substrate are exposed), while in the latter, it varies from roughly one 

half to two thirds of the ~ 200 nm film thickness, with a periodicity of ~ 800 nm. This is 

in agreement with the discussion earlier accounting for the slightly higher roughness 

amplitudes observed in the sample deposited on Si(001). Subsequent to an initial 50-75 



nm planar film growth, the alloy deposited on Ge(001) displays facets, as per 

Ge/Ge(001), while that deposited on Si(001) initially grows as steep sided islands (~65o 

with respect to (001)), which later revert to the 30 o angle observed above. A number of 

investigators [D8, D28, D29, others] have reported the development of {113} type facets 

in Ge-rich SiGe films deposited on (001)Si. However, even though some of the faceting 

observed in the present case can correspond to these orientations (i.e.  those making an 

angle of 30 o to [001]), there is no compelling energetic argument for {113} stable facets. 

Eaglesham et al. [D30] have inferred a small cusp corresponding to {113}in the  plot 

for Si (001) from observations of voids created in Si by He ion bombardment [D31]. For 

the purposes of this work, we consider them to be metastable configurations in the 

evolution towards the formation of {111} facets. Unlike the faceting observed in the 

Ge/Ge(001) case (Figure 4.15b), however, strain contrast and occasional defects can be 

observed in both alloy films at the substrate interface, as can dislocations threading 

through islands to the surface. This is thus a direct confirmation of the work of  Lutz et al 

[D14] , who inferred a high density of dislocations from AFM scans of a 125 nm thick 

xGe = 0.35 SiGe/Si (001) alloy layer. The observed difference in undulation amplitudes in 

the two alloy films is significant, and can be related to differences in strain relieving 

mechanisms in the two systems, as will be discussed later.   

 Examination of these interfaces at high resolution reveals differences in strain. 

Figure 4.21a, showing the alloy on Si (001), is seen to display localized regions of strain 

contrast (dark regions), interspersed in an otherwise strain-free boundary. Close 

examination of these regions reveals occasional (111) stacking faults, inclined at an angle 

of ~ 45o  with <001>, as per the pure Ge case (Figure 4.18a). Figure 4.21b (SiGe/Ge(001) 



interface) is essentially strain-free, suggesting a smaller mismatch (i.e. Ge-rich 

composition), as discussed below. 

 

4.3.2 (111) Substrates 

 

 Figure 4.22a shows the Si/Si(111) film cross sectional view. As was the case for 

Si/Si(001), the film/substrate interface is not readily apparent and only extinction 

contours are evident. The surface is, however, somewhat rougher, in agreement with the 

AFM results, presented earlier. The reason for this can be discerned by examining the 

(111) and (001) surfaces edge-on, as per Figure 4.23. As shown, a row of atoms resides 

a/4 beneath the top layer in (111) (Figure 4.23a), while in (001) the closest layer to the 

surface lies a/2 away. Thus the growing film effectively “sees” a rougher substrate in the 

former case and this translates into increased roughness in the deposit. Figure 4.22b 

(Ge/Ge(111)) captures one, rather extensive (several microns in extent) plateaued island 

that has grown on the substrate. As was the case for Ge/Ge(001) (Figure 4.15b), the 

film/substrate interface is also not readily apparent. Clearly, in this case, the film will 

become planar with slightly more coverage. 

 Figures 4.24a and 4.24b are cross sectional TEM micrographs for the Ge/Si(111) 

and Si/Ge(111) interfaces, respectively. The Ge/Si(111) case appears similar to the 

Ge/Ge(111) example described earlier (Figure 4.22b), in that the film forms flat topped 

mesas, covering a large portion of the surface, albeit not quite as extensively. This is 

reflected in the greater roughness amplitude (3.3 vs. 1.4 nm) in the former case. The lack 

of a discrete interface within the area of Figure 4.24a suggests that the film covers the 



entire substrate surface initially, in analogy with the Ge/Si(001) couple (Figure 4.17a). 

The growth mode of these films is not definitively known. Tersoff, for example. [D22] 

has reported initial growth as a planar layer and then the formation of islands, while 

Voightlander and Zinner [D32] cite evidence for immediate three dimensional growth. It 

is likely that surface diffusion as well as energetics determines the extent of initial 

coverage. The complementary case (Si/Ge(111)), Figure 4.24b, presents a planar but 

rough (on a localized scale) film containing a large number of dislocations that appear to 

thread upward from the film/substrate interface. In contrast with the same couple on (001) 

(Figure 4.17b), no planar defects are observed, reinforcing the argument cited in section 

4.3.1.2 that they may form as a result of a growth disregistry (on Ge (001) rather than to 

fully relieve the mismatch strain. 

 Alloys deposited on Si(111) (Figure 4.25a) and Ge(111) (Figure 4.25b) similarly 

form faceted, flat topped islands. Facet angles with the (111) substrate range from 

initially 80-90o  to 30-40o, as the film grows. The spacing between islands can be on the 

order of the island dimensions (500-700 nm) themselves. The film coverage is not as 

extensive as in the case of alloys grown on (001) Si and Ge (Figures 4.20a and 4.20b), 

since the (111) substrates are of lower surface energy. Indeed, from surface energy 

arguments, it is somewhat surprising that extensive faceted island formation occurs at all. 

Some strain contrast can be observed at the interface and occasional dislocations are seen 

within the islands, themselves, as was the case for alloys deposited on (001) substrates, 

albeit at a much lower density. 

 Figure 4.26a shows the atomic interface of the alloy deposited on Si(111). The 

substrate to film transition regime is on the order of a few monolayers and one notices 



within this regime, localized bending of atomic planes and occasional 60o misfit 

dislocations (see arrow in Figure 4.26a) described earlier for depositions on (001). In this 

case, however, they are inclined ~ 70o to the interface (itself a {111} plane). Apart from 

these regions, there is good matching across the interface, although evidence for a thin 

oxide layer is present. The film/substrate interface for the alloy deposited on Ge(111), 

however (Figure 4.26b), is more complex. Here one notices atomic steps and terraced 

regions on the order of 20 atomic layers across and 2-3 layers high, as well as distinct 

reorientation of (111) atomic planes in regions within the interface, which, itself, 

encompasses approximately 5 atomic layers. Comparison of this structure with Figure 

4.27 reveals that it in fact represents a (111) stacking fault, as per the tensily strained 

samples on (001). Distinct twin planes, indicated in Figure 4.27, can, in fact be identified 

experimentally (see arrows in Figure 4.26b). 

 

 4.3.3 Film-Substrate Mismatch 

 

 High resolution images were digitized (Recognition Technology Model VDL5 

Image Processing System) and Fast Fourier Transforms (FFTs) of selected regions (5 nm 

or less) were generated utilizing the NIH Image, version 1.35 public domain software 

package [D33, D34]. Measurement of distances between maxima in the FFT power 

spectra from localized (~ 10 nm) regions on either side of the interface afforded the 

opportunity to gauge film-substrate mismatch near the interface. Table III shows the 

results. As per the RHEED measurements described earlier (section 4.2.3), a zero strain 

interface (Ge/Ge(001)) provided a calibration of measurement error (less than one 



percent). Among the maximum strain cases, the Ge/Si(001) couple displayed a higher 

strain (4.5%) than the complementary Si/Ge(001) (3.2%). The majority of this strain is 

tetragonal strain, since the film is constrained to match the substrate along the interface. It 

will be noted that the Si/Ge(001) film contained a high density of defects (Figure 4.17b), 

which serve to relieve a portion of the 4.5% maximum composition (i.e. lattice 

parameter) induced strain. Although the Ge/Si(001) sample eventually grows with an 

islanded morphology, the islands do not form until the film reaches a thickness of 

approximately 100nm. Both sets of alloy films (Table III) exhibit the same mismatch 

(within experimental error), irrespective of substrate orientation, as one would expect. 

Considerably larger mismatches were found for alloys deposited on Si (3.5-4%), 

compared to those on Ge (~1%). Thus, there is evidence for a Ge-rich alloy composition 

right at the start of growth. Concurrent X-ray diffraction and Raman spectroscopy results 

have corroborated this observation [D35]. It is of interest that all of the nominally 

Si0.5Ge0.5 alloys are driven towards the same Ge-rich composition, irrespective of the sign 

of the (initial) mismatch (which is the same in magnitude for all alloys) with the 

substrate. This further substantiates the concept of stress-driven diffusion, mentioned in 

the Introduction.  

 

4.4 Summary 

 

 Substrate coverage was most extensive for alloy films on (001), despite a large 

disparity in the magnitude and sign of their mismatch with the substrate (~1% to ~4%). In 

fact, the morphology and the transition to three dimensional growth pattern of the alloy 



on Ge(001) is most similar to the Ge/Si(001) film. The alloy films represent four distinct 

combinations of strain and film/substrate surface energy: 1). large (negative) mismatch, 

high substrate surface energy (Si(001)), 2) small mismatch, high substrate surface energy 

(Ge(001)), 3) large (negative) mismatch, low surface energy (Si(111)) and, 4) small 

mismatch, low surface  energy (Ge(111)). Case 1 grows with high coverage and faceted 

islands, cases 3 and 4, low coverage and flat-topped islands and, case 2, initial planar 

growth followed by islands. Homogeneous film growths, however, do not necessarily 

conform to these trends. The Ge/Ge(001) system would fit nicely into this scheme (small 

(zero) mismatch, high surface energy substrate), if it is assumed that it grows initially as a 

planar layer, followed by faceted island growth. However, it will be recalled that 

experimental results could not definitely establish an initial planar growth layer for this 

case. Ge/Si(001) (large positive mismatch, high surface energy substrate) behaves more 

like case 2 above, while Si/Ge(001) or Si/Ge(111) (large negative mismatch, high surface 

energy substrate), ostensibly analogous to case 1 above, instead grows as a planar, but 

defect-riddled layer. In this case, it is the ease at which defects are nucleated in (001) Si 

that affords strain relief without the necessity for three dimensional growth. In the next 

Chapter, a review of some of the classical concepts relating to strain relief in thin films 

and to island formation is given in order to reconcile the experimental observations 

presented above. 

 

 



 

 

 

 

Table I:  AFM Roughness Amplitude (in nm) of SiGe Films. 

 

 

 

 

 

(001)  Substrates 

 

(111) Substrates 

 

Zero Strain Samples 

 

  

Si/Si 0.07 0.94 

 

Ge/Ge 

 

 

3.92 

 

1.37 

Maximum Strain Samples 

 

  

Ge/Si 2.77 3.3 

 

Si/Ge 

 

 

1.51 

 

1.57 

Alloys 

 

  

SiGe/Si 5.24 5.26 

 

SiGe/Ge 

 

5.12 

 

4.45 



 

 

 

 

Table II:  RHEED Surface Mismatch with Bulk ( of SiGe Films. 
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Si



Ge 



Si 



Ge 

 

Zero Strain Samples 

 

  

Ge/Ge 

 

---- -.009 ---- -.010 

Maximum Strain Samples 

 

  

Ge/Si .052 -.007 .036 -.006 

 

Si/Ge 

 

 

-.012 

 

-.052 

 

-.006 

 

-.047 

Alloys 

 

  

SiGe/Si .017 -.024 .036 -.006 

 

SiGe/Ge 

 

.026 

 

-.015 

 

.025 

 

-.016 



 

 

 

 

Table III: HREM Film-Substrate Mismatch of SiGe Films. 
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Ge/Si 

 

.045 

 

 

Si/Ge 

 

 

.032 
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SiGe/Si 
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.035 

 

SiGe/Ge 

 

.012 

 

.011 
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Figure 4.0: Schematic of Air Force UHVCVD reactor. 



 

 

 

 

 

 

 

Figure 4.1: RHEED patterns for a) Si/Si (001), b) Ge/Ge (001). Note: left and right 

columns are views along <001> and <110> azimuths, respectively. 
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Figure 4.2: Schematic of (001) diamond cubic surface (adapted from [D36]). 
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Figure 4.3: Atomic force micrograph of a) Si/Si (001), b) Ge/Ge (001). 



 

 

 

 

 

Figure 4.4: RHEED patterns for a) Ge/Si (001), b) Si/Ge (001). Note: left and right 

columns are views along <001> and <110> azimuths, respectively. 
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Figure 4.5: Atomic force micrograph of a) Ge/Si (001), b) Si/Ge (001). 



 

 

 

 

 

Figure 4.6: RHEED patterns for SiGe alloy on a)Si (001), b) Ge (001). Note: left and 

right columns are views along <001> and <110> azimuths, respectively. 
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Figure 4.7: Atomic force micrograph of SiGe alloy on a)Si (001), b)Ge (001). 



 

 

 

 

 

Figure 4.8: RHEED patterns for a) Si/Si (111), b) Ge/Ge (001). Note: left and right 

columns are views along <110> and <112> azimuths, respectively. 
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Figure 4.9: Atomic force micrograph of a) Si/Si (111), b) Ge/Ge (111). 
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Figure 4.10: Schematic of (111) diamond cubic surface (adapted from [D37]). 



 

 

 

 

 

Figure 4.11: RHEED patterns for a) Ge/Si (111), b) Si/Ge (001). Note: left and right 

columns are views along <110> and <112> azimuths, respectively. 
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Figure 4.12: Atomic force micrograph of a) Ge/Si (111), b) Si/Ge (111). 



 

 

 

 

 

Figure 4.13: RHEED patterns for SiGe alloy on a)Si (111), b) Ge (111). Note: left and 

right columns are views along <110> and <112> azimuths, respectively. 
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Figure 4.14: Atomic force micrograph of SiGe alloy on a)Si (111), b)Ge (111). 
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Figure 4.15: Cross sectional transmission electron micrograph of a) Si/Si (001), b) Ge/Ge 

(001). Note: beam direction is along <110> of the substrate. 
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Figure 4.16: High resolution cross sectional transmission electron micrograph of a) Si/Si 

(001), b) Ge/Ge (001). Note: beam direction is along <110> of the substrate.
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Figure 4.17: Cross sectional transmission electron micrograph of a) Ge/Si (001), b) Si/Ge 

(001). Note: beam direction is along <110> of the substrate. 
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Figure 4.18: High resolution cross sectional transmission electron micrograph of a) Ge/Si 

(001), b) Si/Ge (001). Inset shows detail across twin boundary. Note: beam direction is 

along <110> of the substrate.



 

 

 

 

 

Figure 4.19: Schematic of a) 600 and b) 90o dislocation structures in diamond cubic lattice 

(after [D24]). 
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Figure 4.20: Cross sectional transmission electron micrograph of SiGe alloy on a) Si 

(001), b) Ge (001). Note: beam direction is along <110> of the substrate. 
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Figure 4.21: High resolution cross sectional transmission electron micrograph of SiGe 

alloy on a) Si (001), b) Ge (001). Note: beam direction is along <110> of the substrate. 
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Figure 4.22: Cross sectional transmission electron micrograph of a) Si/Si (111), b) Ge/Ge 

(111). Note: beam direction is along <110> of the substrate. 
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Figure 4.23: Side view of a) (111), b) (001) diamond cubic surface (adapted from [D36, 

D37]). 
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Figure 4.24: Cross sectional transmission electron micrograph of a) Ge/Si (111), b) Si/Ge 

(111). Note: beam direction is along <110> of the substrate. 
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Figure 4.25: Cross sectional transmission electron micrograph of SiGe alloy on a) Si 

(111), b) Ge (111). Note: beam direction is along <110> of the substrate. 
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Figure 4.26: High resolution cross sectional transmission electron micrograph of SiGe 

alloy on a) Si (111), b) Ge (111). Note: beam direction is along <110> of the substrate. 
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Figure 4.27: Schematic of stacking fault structure in diamond cubic lattice (adapted from 

[D27]). 



 

 

 

 

CHAPTER 5 

DISCUSSION 

 

5.1 Prelude 

 

 It is evident from the results of the preceding section that the SixGe1-x/(Si,Ge) 

system can exhibit each of the primary modes of overlayer growth described in the 

Introduction. Defining the three principal macroscopic surface tensions involved in the 

system: overlayer-vacuum interface; overlayer-substrate interface; and substrate-vacuum 

interface, as o, i, and s, respectively, one can qualitatively present the requisite criteria 

necessary to produce each of the these growth modes. Frank-van der Merwe (layer by 

layer) growth, <0, Volmer-Weber (island) growth, >0 and Stranski-Krastenov (layer 

by layer plus island) growth for ~ 0. Here, o + i - s. Since is, in general, 

anisotropic, we have implicitly assumed individual values for single crystallographic 

planes. i , especially, is further complicated by elastic and dislocation strain energy 

effects, which complicate the resulting film morphology. 

 In addition to the above macroscopic facet energies, the film morphology will also 

depend on the step energy for film deposition below the so-called roughening 

temperature, whereupon a smooth facet develops monatomic steps. However, this value is 

very small relative to the surface energy and misfit strain energy terms unless the critical 



thickness for misfit dislocation formation (see below), or the thickness of the film itself, 

is very small [E1]. 

 The morphological instability formalism of Asaro and Tiller [E2] predicts an 

increasing film undulation amplitude, , when the film stress exceeds a critical value 

defined by 0 > (E)1/2 at a rate, ’, defined by : ’/= B[3
/E - 4], with , the 

Gibbs surface free energy, , the undulation frequency, E, the elastic modulus and B 

defined as: B = 2 ns Ds/kT, where ns is the surface adatom density, , the atomic volume 

and Ds, the surface diffusion coefficient. It is instructive to consider what sort of film 

growth rates are required to sustain an increasing wave amplitude. At the critical 

frequency, d(’/dgiving 0
2 /4 E2 . (’/then becomes equal to 

0.316 B 4E43, where we have used the relation,  being the film-substrate 

misfit. Now, for the case of Ge on Siat 6000  Cusing parameters listed in Table V, ns ~ 

1015  atoms/cm2], Ds ~ cm2 /sec [E4] and remembering that E = 2G(1 + we 

find that xThe critical wavelength of the undulation, )is thus 

approximately 56 nm. Any undulations that exceed this value will continue to increase in 

amplitude. The critical rate of amplitude increase is then (’/or approximately 1 

cm/sec, a value that is orders of magnitude greater than typical growth rates in the present 

work (~0.04 nm/sec)! Thus the film will always be unstable to the formation of surface 

undulations. Corresponding values for a Si film on Ge are nearly identical (50 nm and 1.3 

cm/sec, respectively). 

 Clearly, Asaro-Tiller predicts an increase in the undulation amplitude, 

irrespective of the sign of the stress, which is in apparent contradiction with some of the 



results of the present work, as well as that of other workers. For example, Xie et al.[E5] 

have observed roughening in Si0.5Ge0.5 films grown on a compositionally-graded SiGe 

layer (on Si(001)) under compressive stress and no roughening in films deposited in 

tension. They attributed this behavior to a lowering of monatomic and diatomic step 

energies induced by the compressive stress. Tersoff [E6] has since argued that step 

energetics play a relatively minor role in the roughening of SiGe(001) films, which, 

instead takes the form of (105) faceting [E7, E8]. He further points out that the surface 

stress can change with the sign of the misfit, since by definition the surface stress, itself, 

is the change of the surface energy with strain. It should be noted that the multilayer 

system described by Xie et al. differs from the present case in that the compositionally-

graded SiGe layer is elastically softer than either Ge or Si substrates alone. This, 

according to the Asaro and Tiller formalism, would induce enhanced roughening when 

compared to films deposited on bulk substrates. Guyer and Voorhees [E9] have 

incorporated film formation kinetics into their theoretical model to derive morphological 

stability maps which show surface perturbation wavelengths that differ with the sign of 

the film/substrate misfit. Their analysis draws heavily on the premise that local 

compositional inhomogeneities in the growing film drive the morphological instabilities. 

However, in the present work, the complementary couples, Si/Ge (planar) and Ge/Si 

(islanded), each of which is compositionally homogeneous, provide evidence that the sign 

of the misfit strain alone can affect profound differences in the resultant film morphology. 

The Asaro-Tiller formalism does, however, predict planar film growth as the misfit,  , 

approaches zero, whereupon the critical undulation wavelength, approaches infinity. It 



thus becomes evident that to account for the findings of the present work, a closer 

examination of the relaxation mechanisms in the SiGe system is in order. 

 

5.2 Mechanics of Stress in Thin Films 

 

 Consider a thin film/substrate composite that is completely free of stress. Since 

the film is in a stress-free state, “removal” from the substrate allows the film to be in a 

stress-free state, as well. Here, the lateral dimensions of the film will exactly match those 

of the substrate. In fact, atomic force relaxations will produce dimensional changes in the 

film. If such dimensional changes occur, elastic strains and stresses will develop in the 

film when it is “re-attached” to the substrate after some relaxation time has passed. For 

example, if the detached film experiences a uniform volume shrinkage (or expansion), i.e. 

a pure dilatational (or compressional) transformational strain, eT, the principal strain 

components are xx=yy= eT/3 (or -eT/3). 

 Now, when one “reattaches” the film to the substrate, the lateral dimensions of the 

film no longer match those of the substrate and a biaxial stress must be imposed on the 

film to deform it elastically, so that it again fits the dimensions of the substrate. The stress 

required to do this produces elastic strains, xx and yy that exactly compensate these 

components of the transformation strain. Thus, for dilatational strain, for example: 

 

xx=yy= = - eT/3      [5.1] 

 

and, from Hooke’s Law, a biaxial stress develops in the film: 



 

= xx = yy = M      [5.2] 

 

where M is the biaxial elastic modulus of the film. For isotropic elasticity, the biaxial 

modulus of the film is: 

 

M = E/(1-)      [5.3] 

 

where E is Young’s modulus and , Poisson’s ratio. Alternatively, in terms of the shear 

modulus, G (= E/2(1 + )),  

 

M = 2G(1 + )/(1- )     [5.4] 

 

 To complete the conceptual construction of the stress state of the film, additional 

forces of the opposite sign to the edge forces above are superimposed on the edges of the 

film. These forces remove the normal tractions from the edges of the film and produce 

shear stresses on the film/substrate interface near the edges of the film, which provide the 

forces needed to maintain the biaxial stress in the film. In the case of single crystal films, 

the anisotropy of the elastic properties must be taken into account. For (001) texture,  

 

M(001) = c11 + c12 - 2c12
2/c11      [5.5] 

 



where c11 and c12 are the components of the stiffness matrix. Although neither E nor  is 

isotropic in the (001) plane, the ratio E/(1-) is. For (111) texture, the film is fully 

isotropic in (111) and  

M(111) = [6 c44(c11 + 2c12)]/[ c11 + 2c12 + 4c44]      [5.6] 

 

 The stresses in thin films on substrates can thus be viewed as arising from the 

misfit that must be accommodated elastically when the film is “attached” to the substrate. 

For epitaxial films on thick substrates, the elastic accommodation strain,  = a/as, 

depends on the lattice parameters af and as of the film and substrate, respectively (a = as 

- af). The elastic accommodation is assumed to take place in the film because the 

substrate, relatively, is rigid. In this work, we have seen no evidence for substrate 

deformation, as has been proposed by Cullis et al.[E10] and Eaglesham and Cerullo 

[E11]. During nucleation and early stages of film growth, the strain state may be quite 

different than during the later stages because surface and interface reconstruction effects 

tend to dominate these early processes. We have seen some of these differences in the 

comparison of surface interplanar spacings derived from RHEED measurements (Section 

4.2.3), which are largely equivalent to those of the fully relaxed bulk state, with those at 

the interface, obtained from FFT spectra of HREM images (Section 4.3.3), for which 

finite misfits with the substrate obtain. 

 

 

 

 



5.3 Misfit Dislocation Formation 

 

 The biaxial stresses that develop in the film as the result of lattice mismatch 

would normally be expected to be relaxed by plastic flow (dislocation nucleation and 

motion). However, in very thin films, the dislocation energy created by such processes is 

greater than the reduction of strain energy associated with this type of relaxation. There 

thus exists a critical film thickness, hc, below which the film is thermodynamically stable 

with respect to dislocation formation. The excess energy per unit area of a very thin film 

is lowest when no dislocations are present [E12-E14]. Such films are perfectly coherent 

with the substrate in their equilibrium state and have an energy per unit area, Eh, given by, 

Eh = Mh2, with definitions as above. When dislocations with a Burger’s vector of 

magnitude b and spaced d apart are formed, the remaining homogeneous strain in the film 

is  - b/ d, and thus Eh is reduced (for df, the misfit parameter). However, the 

introduction of dislocations increases the energy by an amount, Ed, given by: 

 

Ed = [b2 o /4d] ln(h/b)      [5.7] 

 

with o = [Gf Gs /[(1 - f )Gs + (1 - s)Gf], G and represent the shear modulus and 

Poisson’s ratio and the subscripts f and s refer to the film and substrate, respectively. For 

a pure edge dislocation,  is equal to 0.701. For a pure screw dislocation,   is equal to 1 

and the 1/(1-) factor is not present. As reported above, however, most dislocations in the 

(Si, Ge)/(Si, Ge) system are of the  60o mixed type, whereupon b = 1/2{011
_
 }<111> and 



of magnitude b = (2/3) b edge = 2 b screw
. Summing the edge and screw component 

energies and taking f = s, we obtain: 

   

E60 = (1- 0.25) [b2/4(1-)d] ln(h/b)[Gf Gs /( Gf  +Gs )]      [5.8] 

 

where   0.755. The total energy of the system then becomes: 

 

E = Mh (-b/d)2 + (1- 0.25)[Gb2/2(1-)d] ln(h/b)      [5.9] 

 

with G= [Gf Gs /( Gf  +Gs )]. The condition for the critical thickness, hc, above which the 

introduction of misfit dislocations leads to a decrease in the energy of the system is 

obtained by minimizing E with respect to the number of misfit dislocations per unit 

length (1/d, evaluated at   = f (i. e. b/d: 

 

hc / ln(hc/b) = (1- 0.25) Gb/4(1-)Mf[5.10] 

 

This value of hc was obtained without considering interactions among dislocations. Jain 

et al. [E15] has found that hc is reduced slightly when such interactions are taken into 

account. Nevertheless, the functional form of equation 5.10 remains the same.  

  One notes from the relations above, that it is the elastically softer crystal that 

determines o (and thus Ed). Utilizing relations 5.5 and 5.6 above and elastic constants for 

single crystal Si and Ge [E16, E17], the biaxial moduli of Si and Ge surfaces can be 

computed as 1.804 and 2.292 for Si (001) and (111), respectively and 1.403 and 1.830 X 



1011 dynes/cm2 for Ge (001) and (111). In general, one finds that for a given misfit value, 

f, Ed increases for systems involving Ge and for (001) orientations, which have with 

correspondingly larger interplanar spacings (and thus larger b). 

 These misfit dislocations are thought to form either by motion of a threading 

dislocation from the substrate or nucleation and propagation of dislocation half loops at 

and from the surface. The biaxial stresses in the film exert forces on the threading 

dislocation segment and cause it to move in the slip plane. The portion of the dislocation 

that resides in the substrate remains stationary because the forces on it are much smaller 

and oppose each other. Thus, the threading dislocation in the film bends over as it moves 

and eventually leaves a misfit dislocation in its wake. Continued movement of the 

threading dislocation extends the length of the misfit dislocation. Alternatively, 

dislocation half loops can be nucleated at the free surface of the growing film and 

eventually lead to the formation of misfit dislocations at the interface as the two ends of 

the half loop move in opposite directions (similar to a Frank-Read mechanism). People 

and Bean [E18] have argued that the bending of existing threading dislocations is unlikely 

to serve as a significant source of misfit dislocations for small misfits and that the 

nucleation of stable dislocation half loops is unlikely unless the misfit is large. The 

paucity of existing threading dislocations in semiconductor substrates, however, leaves 

the half loop nucleation mechanism as the most plausible. However, the functional form 

for the critical thickness that they derive (hc ~ f-2) sheds no light on the issue of negative 

film-substrate misfit. Such a discussion follows. 

 

 



 

5.4 Island Formation 

 

 The transition from two dimensional (Frank-Van der Merwe) growth to a layer-

by-layer plus island mode (Stranski-Krastanov) has generally been approached 

theoretically through examination of kinetic instabilities [E20-E23], which indicate that 

flat surfaces of stressed layers are unstable to the formation of surface undulations. One 

of the simplest treatments [E20] was described in Chapter 2. Although many surfaces, 

such as  Ge/Si (001) and SiGe/Ge (001) alloy layers (Figures 4.17a  and 4.20b, 

respectively) do indeed develop nearly sinusoidal morphology profiles, in other cases, 

such as  SiGe/Si (001) (Figure 4.20a) and both alloys on (111) (Figures 4.24a and 4.24b), 

growth takes place as discrete (and faceted) islands. Metastable equilibrium models have 

been developed for the nucleation of discrete islands [E24, E25], but not specifically the 

two to three dimensional growth transition. We present here, an adaptation of a model, 

originally presented by Wessels [E26] that is based on classical nucleation theory. 

 In this treatment, we consider the nucleation of a coherent island on top of a 

strained planar layer. The system can relax and relieve its strain by forming (nearly) 

coherent islands. The free energy change, G, involved in island formation is: 

 

G = Gi - Gf      [5.11] 

 

with Gi, the total free energy associated with the formation of a relaxed island (including 

any relaxation of the underlying film) and Gf that of the (unrelaxed) planar film. For 



simplicity, we assume a hemispherical island of radius r, forming on a planar layer of 

thickness h, as in Figure 5.4. In practice, of course, the equilibrium island shape is 

determined through minimization of the total surface area, as per section 2.3. The free 

energy change can then be written as: 

 

G = (2r 3/3) Gi+ 2r 2 i - r 2 f  - E
T

h [5.12] 

 

with Gi, the volume free energy associated of the island and i and f, the surface energies 

of the island and film, respectively. ET
h is simply the elastic strain energy of the film per 

unit area, Eh (= Mh2, as per section 5.3) multiplied by the area under the hemisphere, 

 r 2. G can then be written as: 

 

G = (2r 3/3) Gi+ 2r 2 i - r 2 f  - Mh2 r 2 [5.13] 

 

with M, the biaxial modulus (defined in Section 5.2) and the lattice strain (misfit). 

Grouping terms of like order in r, we obtain: 

 

G = (2r 3/3) Gi+ r 2 (2i -  f  - Mh2) [5.14] 

 

It should be noted that, while this expression is valid mathematically, its physical 

significance is somewhat ambiguous, since the elastic strain energy term is a volume term 

(as is Gi).Typical values [E27] of  , and G, the shear modulus,  for Si and Ge are 

listed in Table IV.Making use of equation 5.4, we find that for films of thickness ~ 200 



nm, the strain energy term dominates for both Ge on Si and Si on Ge (3.5 and 2.8 x 104 

ergs/cm2, respectively). Therefore island formation should be favored in both cases (but 

see below). Setting d(G)/dr = 0, gives: 

 

r = rc = (Mh2 + f - 2i)/ Gi       [5.15] 

 

for the critical radius for island formation. One will recognize that this expression is 

analogous to that obtained in classical nucleation theory. However, in the present case, 

the critical radius for island formation is dependent on the film thickness, and any plot of 

G versus r is valid only for that film thickness. Now, when rc = 0 (i.e. no nucleation 

barrier for the formation of a coherent island),  

 

h = hc = (2i -f )/ M2       [5.16] 

 

This gives a thickness criterion for the two to three dimensional transition for strained 

layers. In Figure 5.5, the function y=1/2 is plotted versus , for all   between -1 and 1. 

As shown, hc  decreases substantially with increasing strain. Also, in contrast to the case 

of misfit dislocation formation, there is no “bias” in favor of stressed films in tension (i.e. 

it is just as favorable to form islands in films under compressive strain as it is in films in 

tension). Since hc is decreased with increasing misfit, regardless of sign, three 

dimensional film growth will be favored at smaller film thickness with respect to misfit 

dislocation formation for films in compression, an observation that has been described 

above. Relation 5.17 also predicts an increasing tendency towards island formation for 



lower surface energy deposits (Ge and the alloy on Si or the alloy on Ge), as well as for 

higher surface energy, elastically “stiffer” underlayers (Si with respect to Ge or either one 

vis-à-vis   the alloys). Utilizing relation 5.17 along with the values in Table IV, we obtain 

critical thickness values of 5.4 and 10 nm for the Ge on Si and Si on Ge cases, 

respectively. It is also of interest to examine relation 5.16 for the case of zero strain. In 

this case, the film thickness is not a factor and the critical radius for island formation 

becomes: 

 

rc = (f - 2i)/ Gi       [5.17] 

 

Utilizing values for , as per section 2.4, we find that the gain in replacement of Si (001) 

with Si (111) is 0.23 ev/atom, while Ge (111) for Ge (001) saves 0.39 eV/atom. This 

differential, along with the higher surface diffusion coefficient of Ge with respect to Si 

(on 001) [E27], most likely accounts for the islanded growth of Ge on Ge, as compared to 

the planar Si on Si.  

 In Table V, values of critical thickness for the two-to-three dimensional growth 

transition (equation 5.16) are  listed, along with an approximate value of the critical 

thickness for dislocation formation, hcd as per the Mathews equilibrium theory (equation 

5.10). For the alloys, linear extrapolation of both elastic moduli and surface energies were 

made. Values in parentheses represent corrections for the Ge-rich compositions found 

experimentally (section 4.3.3). As shown, critical thickness values for the maximum 

strain cases are similar in all cases. Despite this, the films in compression showed a clear 

tendency toward island formation (Figures 4.17a and 4.24a), further attesting to the 



arguments presented earlier (section 5.3.1). Among the alloys in compression, it is found 

that again, critical thickness values are comparable in all cases. As we have seen, 

however, these films relax the misfit strain by forming islands (Figures 4.20a and 4.25a). 

The alloys in tension present an interesting case. As shown, critical thickness values for 

island formation are (especially in the compositionally corrected figures) considerably 

larger than that for dislocation formation. Yet, the final morphology of both films 

consisted of faceted islands (Figures 4.20b and 4.24b). It was seen, however, that the 

film/substrate interface in each case contained a large number of defects (Figures 4.18b 

and 4.26b). Therefore the defects indeed do form, but are constrained to glide on such 

inefficient slip planes (either in the interface or at high angles to it) that the strain cannot 

be completely relieved and island formation is required. 

 In the analysis above, elastic moduli were taken as that of the growing film. In the 

case of films growing on thin underlayers, however, the “substrate” itself may deform. 

This can lead to such results as, for example, Ge on an alloy being resistant to island 

formation despite being in a state of compression. Thus some novel heterostructures may 

be synthesized (section 6.2). 

 



 

 

 

Table IV: Elastic Constants and Surface Energies for Si and Ge ([E27]) . 

 

 

 

 

 

 

Si  

 

 

Ge  

 

 

a (nm) 

 

.5431 

 

.56575 

   



 

 

 

 

0.28 

 

 

0.273 

   

 

G  (dynes/cm2) 

 

 

5.1 x 1011 

 

4 x 1011 

   



   (ergs/cm2) 

 

 

1240 

 

 

1000 

 

 

 



 

 

 

Table V: Critical Thickness (nm) for Island Formation 

 

 

   (001)     ~h       cd       (111)

Ge/Si 2.0 2.0 1.5

Si/Ge 2.2 2.0 1.7

SiGe/Si 8.0 (4.5) 5.5 (3.3) 6.3 (3.8)

SiGe/Ge 9.0 (27.1) 5.5 (11.0) 7.0 (21.2)
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Figure 5.1: Schematic of slip mechanism of 60o dislocation on (111)  

(adapted from [E19a]).
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Figure 5.2: Schematic of coherent island of radius r, growing on top of strained 

heteroepitaxial layer, of thickness, h (adapted from [E26]). 

 

 

 

 

 

 

Figure 5.3: Plot of the function 1/ f2 versus misfit, f. 

 

 



 

 

 

CHAPTER 6 

SUMMARY AND SUGGESTIONS 

 

6.1 Overall Summary 

 

 A systematic study of the surface morphology and interface structure of silicon-

germanium films, grown by ultrahigh vacuum chemical vapor deposition on single crystal 

silicon and germanium substrates was undertaken. Two independent, but competing 

factors combine to determine the resulting film morphology developed in these films. The 

minimization of surface energy was seen to control the initial film coverage of the 

substrate by the deposit. Absent any film-substrate misfit strain, systems tend to 

maximize (111) surface area at the expense of other orientations, such as (001). When 

misfit strain is present, the systems seek to relieve it through the formation of misfit 

dislocations. Although it is to be expected that misfit dislocation formation is facilitated 

by large strains, it was found that the sign of the strain is equally important. Systems 

strained to an equal extent, but oppositely directed, develop vastly different surface 

morphologies. In particular, compressively strained films are prone to the formation of 

surface undulations, as first predicted by Asaro and Tiller [F1], while films in tension are 

not. The latter films are, however, much more heavily defected. It was shown through an 

extension of the misfit dislocation formalism put forth by Mathews and Blakeslee [F2] 

that this can be viewed in terms of a larger critical thickness for films under compression. 



Failing dislocation formation, the system will relax the misfit strain through the 

development of surface asperities. Comparison of experimental measurements of both 

interplanar spacings near the surface and film-substrate misfits across the interface 

confirms that the lattice parameter is increased from that of the substrate to that of the 

bulk deposit within these islands. It was also observed that the two-to-three dimensional 

growth transition was sometimes gradual and at other times abrupt. An adaptation of a 

classical nucleation theory model proposed by Wessels [F3] was employed to show that 

the difference between the film and interfacial energies is the determining factor. The 

growth of these structures is also subject to the minimization of surface energy. 

Experimentally this manifests itself in the form of broad plateaus on (111) substrates and 

steeply faceted islands on (001). 

 In the section below, these concepts are applied to develop a “recipe” for the 

growth of quantum dots, an important technological concept previously touched upon in 

the Introduction. 

 

6.2 “Recipe” for Quantum Dots 

 

 As mentioned in the Motivation section at the beginning of this thesis, periodic 

arrays of uniformly sized islands are of interest as three-dimensional quantum 

confinement devices [F4].  Concepts arrived at to shed light on the experimental findings 

of the present work might prove useful in the design of a system that could lead to just 

such an array. 



 The task essentially involves the promotion of dislocation-free, three-dimensional 

island growth in materials with bandgaps of interest. In equation [5.16] of the Discussion, 

it was found that both large strains between the film and the substrate and a high elastic 

modulus tend to promote island formation. If the modulus is too low, the substrate can 

deform and take up part of the strain relaxation, rendering island formation unnecessary. 

It is also seen that a surface energy, i , not too much different from that of the underlying 

film, f , is favorable. Indeed, if it is exactly one half of the film’s value, the critical 

thickness for three-dimensional growth, hc , goes to zero! If the difference is too large, the 

critical thickness becomes large, since the energy cost of forming islands becomes too 

high. If i  is less than one half of f , a “negative” critical thickness results. This, most 

likely, would result in complete film coverage by the deposit, although experimental 

verification would be of interest. For example, a low surface energy (relative to the 

underlying film), yet lattice mismatched layer could be synthesized on a substrate. 

Specifically for the silicon-germanium system, a low surface energy deposit (Ge or a 

SiGe alloy) grown on Si or an alloy on Ge would be expected to form islands. 

Alternatively, a high surface energy, elastically stiff substrate would accomplish the same 

thing (e.g. Ge on Si or an alloy on either Si or Ge). Now, we can add to this the result 

represented by Figure 5.4, i.e. that compressively strained films are prone to island 

formation, since misfit dislocation formation is suppressed. These combinations are 

depicted in Table 6.1. 

 Given the above constraints, let us “design” a particularly interesting structure-the 

quantum “box”. Examining our matrix (Table VI), we can construct one such sequence as 

in Figure 6.1a, basically a SiGe alloy interspersed with Si. Indeed, such structures are 



commonly employed in planar multilayer films, as described in Chapter I of this work. 

Since , according to our criteria, each alternating couple is prone to island growth, the 

thickness of such planar layers of relatively high Ge content (xGe ~ 0.25 and above) are 

still limited, even if well below the critical thickness for dislocation formation. In the 

proposed scheme (Figure 6.1b), Ge is alternated with the alloy. Each couple would then 

be favored to grow as a planar layer. Control of the initial alloy deposit thickness would 

limit the island size, which if kept low enough, should also provide some resistance to 

dislocation formation. Subsequent growth would involve adding planar layers on top of 

these initially formed islands. A schematic depiction of the anticipated morphology of 

these multilayers is shown in Figure 6.2a and 6.2b. Such structures can be formed at 

much smaller dimensions than can be produced by lithographic and etching techniques. 

The bandgap offsets can be expected to favor both electron and hole confinement [F5], 

which would render it potentially useful both as a quantum tunneling device and an 

efficient emitter (electrons and holes combine more readily). It would be of interest to 

attempt the growth of such a structure experimentally. 

 



 

 

Table VI: Possible Film/Substrate Combinations. 

 

 

 

 

Si/Si  

 

 

Ge/Si (I) 
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Figure 6.1:  Multilayer structures comprised of  SiGe alloy layers interspersed with a) Si, 

b) Ge. Note: “i” and “p” refer to tendency of particular interfaces to grow as islands or as 

planar layers, respectively, as per Figure 6.2 below.  
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Figure 6.2: Schematic SiGe multilayer quantum dot structure. 
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